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a b s t r a c t

Molecular dynamics simulations were used to study deformation mechanisms during uniaxial tensile
deformation of an amorphous polyethylene polymer. The stress-strain behavior comprised elastic, yield,
strain softening and strain hardening regions that were qualitatively in agreement with previous
simulations and experimental results. The chain lengths, number of chains, strain rate and temperature
dependence of the stress-strain behavior was investigated. The energy contributions from the united
atom potential were calculated as a function of strain to help elucidate the inherent deformation
mechanisms within the elastic, yield, and strain hardening regions. The results of examining the parti-
tioning of energy show that the elastic and yield regions were mainly dominated by interchain non-
bonded interactions whereas strain hardening regions were mainly dominated by intra-chain dihedral
motion of polyethylene. Additional results show how internal mechanisms associated with bond length,
bond angle, dihedral distributions, change of free volume and chain entanglements evolve with
increasing deformation.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Polymers play an important role in materials science as
a candidate for future new industrial materials, primarily because
their properties can be tuned very easily. The flexibility of tuning
polymer’s properties comes from a number of available degrees of
freedom: choice of monomers, branching, tacticity, copolymers,
blends and composites [1]. The particular polymer studied here is
polyethylene (PE), a common material for commercial goods.

Polymeric systems are highly complex in nature. Computational
modeling of polymers has assisted in understanding their complex
behavior. However, no single modeling technique, to this point, has
adequately captured all of the large length and time scales associ-
ated with polymers. The large length and time scale issues associ-
ated with polymers suggest implementing a multiscale modeling
scheme [2]. Coarse grain techniques [3e10], such as united atom
[4,5], have been widely used to simulate polymer systems at
various length and time scales.

The molecular origin of plastic deformation within amorphous
polymers is an important issue that is still not well understood [2].
Initially, it was assumed that plastic deformation in glassy polymers
occurs due to shear stress, which could induce structural change by
. Tschopp).
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altering the energy barriers of structural rearrangement within the
solid [11]. Roberson laterpostulated that the shear stresswould alter
theflexing of dihedral angles creating a local pocket ofmaterialwith
liquid-like molecular mobility [12]. In line with this notion, Argon
[13] developed a model that treats shear strain as the accumulation
of rotations of kinkpairs along thepolymer chains. Some insight into
the role of shear strain during deformation can be gleaned from
atomistic studies of plastic deformation in bulk metallic glasses. For
instance, Deng et al. [14] used MD simulations of atomic glasses to
predict that plastic deformation occurs as a result of local rear-
rangements which produce shear transformation. The shear trans-
formations essentially act as nucleation sites for additional
transformations, the percolation of which eventually produces
localized flow structures. Using molecular statics (MS), Maeda and
Takeuchi [15] and Srolovitz et al. [16] studied the deformation
behavior of three-dimensional metallic glasses. In these studies,
they observed that plastic deformation is a result of highly localized
heterogeneous atomic rearrangements which generate local
stresses that considerably exceed the applied stress. Although the
studies of atomic/metallic glasses provide interesting insights into
the deformation behavior of relatively simple systems, the complex
bonding along the polymer backbonemakes investigations of glassy
polymers considerably more difficult.

Atomistic simulationshaveprovided insight into thedeformation
behavior of polymers. Theodorou and Suter [17,18] first attempted to
model the mechanical response of glassy polymers by probing the
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elastic properties of glassy polypropylene usingMS techniques.Mott
et al. [19] and Hutnick et al. [20] subsequently used this method to
study the plastic deformation of polypropylene and polycarbonate,
respectively. Mott et al. found that plastic deformation is a result of
abrupt shear transformations which involve the cooperative motion
of many degrees of freedom. These cooperative motions are a
consequence of the highly constrained nature of the amorphous
chain structure. In agreement with these findings, Hutnick et al.
found that cooperativemotions accommodate deformation in glassy
polycarbonate, independent of the chemical specificity of them.

Similar atomistic studies investigated glassy polyethylene aswell.
Brown and Clarke [21] and Mckechnie and Clarke [22] used MD
simulations to investigate the effects of thermal motion on defor-
mation in glassy polyethylene and attempted to correlate the
obtained response with experimental results. Despite the fact that
the deformation rates used were much higher than experimental
rates, they were able to qualitatively correlate the rate and temper-
ature dependence of uniaxial tensile deformation with that of
experimental results. Mckechnie and Clarke’s investigation showed
the effect that initial chain configuration properties have on the
resulting mechanical response. Their results show that strain hard-
ening can be enhanced by increasing either the persistence length or
the fraction of trans conformers in the initial chain configuration.

Although several groups have studied the static, dynamic, and
mechanical properties of PE systems [21,23e31], research on large
PE systems, particularly mechanical properties, is still in its infancy.
Molecular dynamics (MD) and Monte Carlo (MC) simulations have
proven to be essential tools for exploring the static, dynamic and
mechanical properties of bulk amorphous polymers at the molec-
ular levels. Brown and Clarke [21] performed detailed studies of
uniaxial deformation at various strain rates of an amorphous
polyethylene-like polymer system containing 1000 united atoms.
The simulated elastic deformation, yield, and plastic flow at low
temperature qualitatively capture the experimental deformation
behavior. Capaldi et al. [29] found that compressive deformation of
a glassy PE-like polymer increases the transition rate between
different dihedral angle states and promotes propagation of dihe-
dral angle flips along the chain. Li et al. [32] carried out atomistic
Monte Carlo (MC) simulations of uniaxial tension of an amorphous
linear polyethylene (PE)-like glassy polymer. They investigated the
temperature and strain rate dependencies on the stress-strain
curve and found qualitative agreement with experimental results.
Their investigation on conformation showed that during defor-
mation the chains adopt more extended conformations, and the
fraction of dihedrals in the trans state increases. The energy and
stress portioning with increasing strain show that in the elastic
region mechanical work is primarily stored as non-bonded internal
energy in the material, whereas from the yield region onward the
intra-chain contributions start to play a role. Ospina et al. [33,34]
used MC simulation results of the initial stage of deformation of
linear polyethylene (PE) using 2D lattice model. They observed
a stress-strain behavior comparable to that observed in experi-
ments, but neither strain softening nor strain hardening were
reported [33e35].
Table 1
Functional form of force field and potential parameters used for polyethylene MD calcul

Interaction Form

Bond Length EbondðrÞ ¼ 1
2
Kbðr � r0Þ2

Bond Angle EangleðqÞ ¼ 1
2
Kqðq� q0Þ2

Dihedral Angle EdihedralðfÞ ¼
X3
i¼ 0

CiðcosfÞi

Non-bonded Enon�bondingðrÞ ¼ 43
�ðsrÞ12 � ðsrÞ6

�
; r � rc
The objective of this research is to study the relevant defor-
mation mechanisms responsible for the different regimes (elas-
ticity/yield/strain softening/strain hardening) observed during
uniaxial tension deformation of glassy polyethylene using atomic-
scale simulations with the united atom model. In this article, we
investigate the stress-strain response for different chain lengths,
number of chains and temperatures relative to the glass transition
temperature. The stress-strain behavior of PE deformation and its
dependence to the strain rate and temperature were studied and
compared to previous theoretical and experimental results. To
obtain insight into the role of different bonded and non-bonded
interactions during PE deformation, we investigated in details the
different contributions to the internal energy at different stages of
deformation. We also evaluated internal mechanisms associated
with bond length, bond angle, dihedral distributions, change of free
volume and chain entanglements. Our main interest was corre-
lating the stress-strain response to the deformation mechanisms
responsible for the mechanical behavior.

2. Simulation methodology

2.1. Interatomic potential

The interatomic force field for polyethylene is based on a united
atom model using the Dreiding potential [36]. There were several
reasons why this potential was chosen. First, this study investigates
uniaxial deformation of amorphous polyethylene systems with
large numbers of monomers (20,000e200,000 united atoms) as
a function of strain rates that vary over three orders of magnitude
(108e1010 s�1). Full-atom representations would require approxi-
mately three times the number of atoms (i.e., carbon plus two
hydrogens) along with a more computationally-expensive force
field and, quite possibly, a smaller timestep or different integration
scheme due to adding hydrogen. Additionally, the 108 s�1 strain
rate in these simulations requires millions of timesteps to reach
strains of approximately 100%. Therefore, the use of the united
atom model and Dreiding potential was influenced in part by the
computational expense. Second, much of the prior literature
regarding molecular dynamics simulations of polyethylene have
used the Dreiding potential, e.g., Refs. [28,29]. In this sense, this
work can build upon results previously obtained, while also
providing guidance as to the influence of chain length, number of
chains, temperature, and strain rates when moving to full-atom
representations with optimized force fields. We leave deformation
of full-atom polymer representations for future work.

The united atom model used here considers each methyl group
(i.e., the CH2 monomer) as a single atom with a force field that
determines the interactions between united atoms. The Dreiding
potential [36] is used to describe these interactions. The Dreiding
potential has four contributing terms; bond stretching, changes in
bond angle, changes in dihedral rotation, and van der Waals non-
bonded interactions. The force field and its respective parameters
for the PE system are given in the Table 1. The total force field
energy can be expressed as
ations.

Parameters

Kb ¼ 350.0 kcal/mol, r0 ¼ 1.53 Å

Kq ¼ 60 kcal/mol/rad2, q0 ¼ 1.911 rad (109.5�)

C0 ¼ 1.736, C1 ¼ �4.490, C2 ¼ 0.776, C3 ¼ 6.990 (kcal/mol)

s ¼ 4:01�A; 3 ¼ 0:112 kcal=mol
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Etotal ¼ EbondðrÞþEangleðqÞþEdihedralðfÞþEnon�bondingðrÞ (1)

In the present simulations, the interaction potential has two
components which are summed over all possible atom combina-
tions: bonded andnon-bonded interaction terms. The bonded terms
comprise bond stretching (r), bond angle bending (q) and dihedral
angle torsion (f). The functional form of bonded energy is given as

EbondðrÞ ¼ 1
2
Kbðr � r0Þ2 (2a)

EangleðqÞ ¼ 1
2
Kqðq� q0Þ2 (2b)

EdihedralðfÞ ¼
X3
i¼0

CiðcosfÞi (2c)

where Kb and Kq are the stiffness constants for the bond length and
bond angle potentials, respectively, r0 and q0 are the equilibrium
bond length and bond angle, respectively, and the variable Ci
contains the coefficients of dihedral multi-harmonic. For the
parameters chosen in the present work, the global minimum of the
dihedral potential is at 180�, which corresponds to the planar trans
state (t). In addition, two local minima are located at 60� (gauche,
gþ) and 300� (gauche, g�), respectively.

The non-bonded or Van der Waals interactions are given by
a Lennard-Jones potential, i.e.,

Enon�bondingðrÞ ¼ 43
��s

r

�12
�
�s
r

�6�
; r � rc (3)

where r is the distance between two atoms, s is the distance at zero
energy, and 3 is the energy well depth. The cutoff distance rc is
taken as 10 Å. Table 1 gives the values for all of the constants used in
the interatomic potential [37,38].
2.2. Deformation simulations

A parallel molecular dynamics code, LAMMPS [39], that incor-
porates domain decomposition was used to deform the polymer
simulation cells. A Nosé-Hoover thermostat was used to regulate
the system temperature [40e42]. Table 2 lists the different
combinations of chain lengths and number of chains used in the
simulation cell. The simulations were performed for three chain
lengths (100, 1000, and 2000 monomers) with three different
number of chains (20, 200 and 2000) for a total of 2 � 104e2 � 105

total united atoms. The mechanical responses for each simulation
resulted from averages of three different initial configurations to
account for entropic effects due to the high number of possible
chain conformations. Three temperatures were examined: 100 K,
250 K, and 400 K. These temperatures were purposely chosen to
select a low temperature (100 K), a temperature just below the
glass transition temperature (250 K), and a temperature above the
glass transition temperature (400 K). The simulation cell was
orthogonal with a minimum length of 8 nm in each direction.
Table 2
Chain length, number of chains and total number of united atoms used for the
different systems.

System Chain Length
(monomers)

Number of
Chains

Total Number
of United Atoms

1 100 200 20000
2 1000 20 20000
3 100 2000 200000
4 1000 200 200000
The initial chain structure was created using a method similar to
those previously developed using Monte Carlo self-avoiding
randomwalks [43]. The chain generation step used a face-centered
cubic (FCC) lattice superimposed on the simulation cell with the
nearest neighbor distance of 1.53 Å. Molecules were added to the
lattice in a probabilistic stepwise manner, which based the proba-
bility of chain growth in certain directions on the bond angle and
the density of unoccupied sites.

This initial structure was then inserted into the molecular
dynamics code where an equilibration sequence was performed
prior to deforming the amorphous polymer. The equilibration
sequence relaxes any high energy configurations that are artificially
created due to the FCC lattice used to generate the amorphous
polymer structure. The relaxation involves four different steps.
Initially, the simulation ran for 105 timesteps (Dt ¼ 1 fs) using NVT
dynamics at 500 K followed by relaxation for 5 � 105 timesteps
(Dt ¼ 0.5 fs) using NPT dynamics at 500 K. The next relaxation
cooled the structure down to the desired temperature for 5 � 105

timesteps followed by further relaxation of 5�105 timesteps at the
desired temperature.

The glass transition temperature was used to verify that such
equilibration of the polymer structure was appropriate for defor-
mation simulations. The glass transition temperature Tg, delimiting
the glassy regime to the rubbery one, is an important characteristic
of polymeric material. The glass transition temperature was
determined from the change in slope of the specific volume vs.
temperature curve [29,31,44e47]. First, the system was equili-
brated at 500 K. Then, the system temperature was decreased from
500 K to 100 K over 5 �105 fs (cooling rate of 0.8 K/ps). Fig. 1 shows
a graph of the volume of the polymer as a function of temperature
for a system consisting of 20 chains with 1000monomers each. The
intersection of the two linear trend lines fitted to the ends of the
data gives an estimate of the glass transition temperature. Table 3
lists the calculated glass transition temperatures for systems with
four different chain lengths and number of chains. The change in
the glass transition temperaturewith the number of chains or chain
lengths is small (<5K). The calculated values here are similar to
those calculated by other groups using molecular dynamics
Fig. 1. Plot of volume evolution as a function of temperature, which was used for
determining the glass transition temperature.



Table 3
Glass transition temperature of different polymeric systems.

Chain length/
number of chains

Total number
of united atoms

Glass transition
temperature (K)

100/200 20000 300.6
100/2000 200000 302.3
1000/20 20000 299.6
1000/200 200000 301.5
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[29,31,44,46], which fall in the range of 250e300 K, close to the
experimentally-measured value of 250 K [47]. As for the tempera-
tures chosen for this study, Fig. 1 clearly shows that 100 K is in the
glassy state and 250 K lies in the transition region between glassy
and rubbery below the glass transition temperature. The inter-
atomic potential does not allow bonds to break, so 400 K is best
characterized as in the rubbery state.

The amorphous PE system was then deformed under a uniaxial
tensile strain applied at a constant strain rate with a zero-pressure
condition for the two lateral simulation cell faces. This deformation
condition was implemented in LAMMPS by decoupling the
boundary in the loading direction from the NPT equations of
motion [48]. The stress components were calculated from the
symmetric pressure tensor, which uses components from the
kinetic energy tensor and the virial tensor. In addition to calculating
the stress as a function of strain, the energy contributions associ-
ated with the bond length, bond angles, dihedral angle and non-
bonding interactions were tracked as a function of strain. Periodic
dumps of the atomic configuration were performed to compute
additional microstructure metrics such as chain orientation or the
percentage of trans dihedral conformations. Three different strain
rates (108 s�1, 109 s�1 and 1010 s�1) were used with an initial
configuration consisting of 20 polymeric chains, each having 1000
monomers, to investigate the effect of strain rate. To investigate the
influence of chain length and chain number, polyethylene config-
urations were uniaxially deformed at a strain rate of 109 s�1 for
different numbers of chains (100 and 2000) and chain lengths (20,
200, and 2000 monomers).
2.3. Microstructure characterization

After equilibrating the system, the microstructure of the poly-
mer chain was characterized to ensure that the structure was
appropriate for deformation simulations. Additionally, we utilized
various internal microstructure metrics to characterize the initial
Fig. 2. The bond length, bond angle, and dihedral angle distributions for a 20 chain
polymer structure and to track its evolution as a function of strain
in the deformation simulations.

The common microstructure metrics used to quantitatively
assess the polymer chain geometry were the bond length, bond
angle, and dihedral angles. Fig. 2 shows an example of the bond
length, bond angle and dihedral angle distributions of a 20 chain,
1000 monomer PE system after equilibrating the system at 100 K.
The average bond length for all equilibrated systems was 1.529 Å
and the average bond angle was 109.27�. The average values were
slightly lower than the equilibrium potential parameters r0 and q0.
The average bond lengths and bond angles were very similar for
systems equilibrated at temperatures of 100 K and 250 K. However,
the standard deviation of the bond length and bond angle distri-
butions increases with increasing temperature, e.g., the average
standard deviation for bond lengths at 100 K and 250 Kwere 0.0170
and 0.267 Å, respectively. The dihedral angle distribution has
a broad distribution with both gauche and trans peaks. To calculate
the fraction of trans conformations within the PE system,
a threshold value of 120� was used to delineate the gauche peak
(centered about 66�) from the trans peak (centered about 180�).
The percent trans conformations in the initial structure was 73.8%
and 68.3% for the 100 K and 250 K samples, respectively. The initial
densities for the amorphous PE structures ranged from 0.87 to
0.91 g/cm3, slightly lower than experimental values for low density
polyethylene (0.91e0.94 g/cm3), which contains a high degree of
short and long chain branching. While these densities are slightly
lower than experimental values, we deem this acceptable for the
united atommethod potential employed. In addition to tracking the
evolution of the aforementioned microstructure features, we also
tracked the evolution of other metrics related to the internal
structure: polymer density, chain end-to-end distance, chain radius
of gyration, and chain orientation.

3. Results

3.1. Stress-strain behavior

3.1.1. Different regimes
The isothermal stress-strain curve for PE of 1000 monomers

chain length and total number of 20 chains deformed at 250 K for
a strain rate of 1010 s�1 are shown in Fig. 3. The stress-strain curve
has four distinct regimes: elastic, yield, softening and hardening.
Initially the stress increases nearly linearly with increasing applied
strain indicating an elastic regime. Upon reaching the yield point,
the stress then shows a decrease to a local minimum suggesting
material softening. Further deformation of PE causes an increase in
, 1000 monomer polyethylene system after equilibrating the system at 100 K.



Fig. 3. Stress-strain response of a polyethylene (PE) glassy polymer deformed in uniaxial tension at strain rate of 1010/s and temperature of 250 K. The accompanying images (right)
show the polyethylene structure after equilibration and at 100% true strain (colors represent united atoms on separate chains).
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stress and strain hardening. Similar behaviors were reported in
molecular dynamics (MD) tension simulation [28,29,47] and in
Monte Carlo (MC) compression simulation [32].

3.1.2. Chain length and number of chains dependence
The dependence on the deformation of PE on the chain

lengths and the total number of chains were studied at a fixed
deformation rate of 109 s�1 and temperature 250 K. Fig. 4 shows
that the chain length has a more significant effect on the stress-
strain curves than the number of chains. The curves follow the
same behavior as discussed in the previous section except the
strain softening is less pronounced in the smaller chain lengths.
The higher chain lengths tend to have slightly stiffer elastic
regimes, higher yield stresses and more predominant softening.
This has previously been attributed to higher entanglement
densities for longer chain length materials. With a higher number
of chains, the curves are much smoother suggesting that the
simulations move closer to a bulk behavior. Even though the
Fig. 4. Stress-strain response for different chain lengths and number of chains for
a 109 s�1 strain rate at 250 K.
larger simulations have a smoother response the smaller simu-
lations still capture the necessary stress-strain behavior of the
polymer.

3.1.3. Temperature dependence
The influence of temperature on the stress-strain behavior was

also explored. Fig. 5 shows the stress-strain curves for a polymeric
system represented by 20 chains with 1000 monomers each
deformed using a strain rate of 109 s�1 at temperatures of 100 K,
250 K and 400 K. The change in the temperature shows a very clear
effect on the polymer’s stress-strain response. The material stiff-
ness decreases with increasing temperature, as expected. At 100 K
and 250 K, the stress-strain curve shows a typical elastic response
followed by: yielding softening, and hardening. The yield point and
softening regime is much more pronounced for 100 K. At 400 K
(above the glass transition temperature), the stress-strain curve
doesn’t show any softening or subsequent strong material
hardening.
Fig. 5. Stress-strain response at a strain rate of 109 s�1 for different temperatures.



Fig. 6. Stress-strain response at 250 K for different strain rates.

Fig. 7. Energy decomposition for a polyethylene (PE) system with 20 chains consisting
of 1000 monomers each at 250 K for a strain rate of 1010 s�1. The non-bonded energy
changes most during the elastic regime, while the dihedral and bonded energy
changes most during the strain softening/hardening regimes.
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3.1.4. Strain rate dependence
Fig. 6 shows the stress-strain curves for a polymeric system

represented by 20 chains with 1000 monomers each deformed at
250 K using strain rates of 108 s�1, 109 s�1 and 1010 s�1. The simu-
lations at different strain rates exhibit different stress-strain curves.
The stress-strain curve at a strain rate of 1010 s�1 follows the typical
trend with an elastic regime, followed by yield, and then followed
by a strain softening and strain hardening regime. The elastic
modulus and peak yield stress increases with increasing strain rate.
The trend of higher stresses for higher strain rates continues for the
strain softening and strain hardening regimes as well. However, the
mechanisms in these regimes may be similar since the strain
hardening slope stays constant. The simulations show similar
stress-strain responses with increasing strain rate as the simula-
tions with decreasing temperature (in Section 3.1.3). The elastic
moduli and peak yield stresses calculated from simulations at
different strain rates and temperatures are given in Table 4. The
elastic modulus and the yield stress increase with increasing strain
rate and decreasing temperature. These trends are as expected and
agree qualitatively with the experimental and computational
theoretical results. The mechanisms responsible for the tempera-
ture and strain rate behavior will be discussed in Section 4.
3.2. Internal energy evolution

3.2.1. Different regimes
Fig. 7 illustrates the potential energy change of a PE system of

1000 monomers chain length and total number of 20 chains
Table 4
Elastic modulus and peak yield stress of PE at various temperatures and strain rates.

_3 (s�1) Temperature (K) E (Mpa) sY (Mpa)

108 250 6.3 � 102 52
109 250 1.1 � 103 97
1010 250 1.2 � 103 145
109 100 1.6 � 103 168
109 400 3.8 � 102 8
deformed at 250 K for a strain rate of 1010 s�1, which corresponds to
the stress-strain behavior observed in Fig. 3. In addition to the total
energy Etotal, the individual components of the energy are shown:
the non-bonded energy Enb, the bonding energy Eb, the bond angle
energy Ea and the dihedral energy Edihed. In the elastic region, the
dihedral, angle and bond energies remain almost unchanged and
a majority of the increase in total energy is correlated with an
increase in the non-bonded energy, i.e., Van der Waal’s forces
between polymer chains. The non-bonded energy increases sharply
in the elastic and strain softening regions, which can be associated
with chain slippage mechanisms. After the elastic region, the non-
bonded energy stays fairly constant while there are significant
changes in the bond angle and dihedral energies. The energy
associated with bond length steadily decreases as bond lengths
move towards the equilibrium bond length. The dihedral angle
energy increases in the strain softening regime and then steadily
decreases in the strain hardening regime as gauche conformations
rotate to the lower energy trans conformations. The total energy
sharply increases in the elastic region due to non-bonded interac-
tions and then slowly decreases over the strain softening and
hardening regions as energy is dissipated via dihedral rotations and
bond length changes to accommodate deformation.

3.2.2. Chain length and number of chains dependence
Fig. 8 shows an example of an energy decomposition curve at

250 K for a strain rate of 109 s�1, which is representative of the
various chain number and chain length (100 and 1000 monomers)
combinations. In general, the energy decomposition curves follow
the same behavior for all chain lengths and chain numbers.
However, there is less variability in the energy evolution curves for
the PE systems with a higher amount of total united atoms, i.e., the
example plot has 200,000 total united atoms and the least amount
of noise. Also, notice a slightly different trend for the strain rate of
109 s�1 at 250 K than that displayed in Fig. 7 (1010 s�1 at 250 K). In
Fig. 8, very little change in the energies associated with bond length
and bond angle occur. However, the non-bonded energy still
increases sharply during the elastic and strain softening regimes,



Fig. 8. Energy decomposition for a polyethylene systemwith 2000 chains consisting of
100 monomers each at 250 K for a strain rate of 109 s�1. Similar trends were observed
for other chain lengths and number of chains.

Fig. 9. (aec): Energy decomposition for a polyethylene system with 200 chains con-
sisting of 1000 monomers each at a strain rate of 109/s for different temperatures:
100 K, 250 K, and 400 K.
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while dihedral energy plays a vital role in the strain hardening
regime. Over all, though, the chain length and number of chains
show very little effect on the energy decomposition.

3.2.3. Temperature dependence
Fig. 9(aec) displays the energies associated with the non-

bonded interactions, bond, angle and the dihedral rotation for
a system of 1000 monomers chain length and total number of 20
chains deformed using a strain rate of 109 s�1 at temperatures of
100 K, 250 K, and 400 K. Again, the energy decomposition curves
show that the energies associated with the bond length and bond
angles do not change significantly. As a result, the majority of
deformation in the polymer system is accommodated via dihedral
rotations and non-bonded interactions. However, as depicted by
Fig. 9(a) and (b), the energy evolution curves suggest that the
molecular mechanisms at 100 K are slightly different than those at
250 K. At 100 K, the total and non-bonded interaction energy
increased and then remains nearly constant, whereas the non-
bonded interaction energy decreases in the strain softening and
hardening regimes for 250 K. Additionally, the decrease in the
dihedral energy is much greater for 250 K than at 100 K. The
evolution of the internal energy during deformation at 400 K
shown in Fig. 9(c) suggests a system whereby multiple coupled
deformation modes are possible.

3.2.4. Strain rate dependence
Fig. 10(aec) shows the variation in internal energy as a function

of strain rate for the PE system with 20 chains of 1000 monomers
each at 250 K. The strain rates applied here span two orders of
magnitude and have a significant effect on the energy evolution. At
the higher strain rate of 1010 s�1, the behavior of the total energy
and non-bonded interaction energy contributions are very different
than that at the lowest strain rate of 108 s�1. The behavior at strain
rates of 1010 and 109 s�1 is as discussed previously. At a strain rate of
108 s�1, there is very little change in the energies associated with
bond length and bond angles with increasing strain. The non-
bonded interaction energy increases slightly and then decreases
with increasing strain. The dihedral angle (and total) energy



Fig. 10. (aec): Energy decomposition for a polyethylene system with 20 chains con-
sisting of 1000 monomers each deformed at 250 K for three different strain rates:
108 s�1, 109 s�1, and 1010 s�1.
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immediately decreases with increasing strain during the elastic
region, unlike the behavior at the higher strain rates. Interestingly,
because the dihedral energy decrease occurs during the elastic
regime at a strain rate of 108 s�1, the non-bonded interaction
energy does not increase as sharply as higher strain rates, signifying
a change in where the energy associated with deformation is
accommodated at lower strain rates.

3.3. Evolution of internal structure variables

3.3.1. Free volume evolution
The evolution of the simulation cell volume (polymer density) as

a function of strain should provide some information on the evolu-
tion of free volumewithin the amorphous PE structure. Therefore, as
a first order approximation, we have considered the change in the
simulation cell volume to be equivalent to the evolution of free
volume during deformation. Fig. 11 shows the change in free volume
as a function of strain for a system with 20 1000-mer chains for
different strain rates at 250 K. The general trend is that the free
volume increases with increasing strain in the elastic region, which
is followed by a slight decrease to steady behavior in the latter strain
hardening region. As the strain rate is increased, the free volume
increase observed in the elastic regions also increases. At a strain rate
of 108 s�1, the free volume continuously decreased as the material is
deformed. Fig. 12 shows the change in free volume as a function of
strain for different chain lengths and number of total chains (100/
200, 1000/20, 1000/200 and 100/2000 systems). Fig. 12 shows that
the free volume increases with increasing strain until approximately
20% strain with very little change in free volume at higher strains.
Additionally, there is an interaction between the chain lengths and
number of chains. For the shorter chain length of 100 monomer
units, an increase in the number of chains translated to higher free
volume values, whereas for longer chain lengths of 1000 monomer
units, an increase in the number of chains had a negligible effect on
free volume. The amorphous cells with longer chain lengths had
higher free volume values than shorter chain lengths. Fig. 13 shows
the effect of temperature on the change in free volume at a strain
Fig. 11. Free volume evolution as a function of strain and strain rate (108 s�1, 109 s�1,
and 1010 s�1) for a polyethylene system with 20 chains consisting of 1000 monomers
each at 250 K.



Fig. 12. Free volume evolution as a function of strain, chain length and number of
chains at 250 K for a strain rate of 109 s�1.
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rate of 109 s�1 for temperatures of 100, 250 and 400 K. At 400 K, the
free volume did not change appreciably. At 100 K and 250 K, the free
volume increases with increasing strain until 20% strain followed by
almost no change in the free volume.

The evolution of free volume change in the elastic regime of the
stress-strain curves is also related to Poisson’s ratio. Interestingly,
the volumetric change for low strains indicates that Poisson’s ratio
is not constant in some cases, but is in fact evolving over the elastic
regime. Calculations of the change in Poisson’s ratio as a function of
strain show that it monotonically decreases over this regime.
Fig. 13. Free volume evolution as a function of strain and temperature (100, 250, and
400 K) for a polyethylene system with 20 chains consisting of 1000 monomers each at
a strain rate of 109 s�1.
3.3.2. Chain bond length and angle evolution
The evolution of the bond length and bond angles as a function

of strain can provide insight into the accommodation of deforma-
tion in glassy polymer structures. Fig. 14 shows how the (a) bond
length and (b) bond angle distributions evolve as a function of
strain at 250 K. The black line represents the mean values of the
distributions while the upper (red) and lower (blue) markers
represent the maximum and minimum values of the distributions,
respectively. Additionally, this data is plotted for three different
strain rates and for two different chain lengths/chain number
combinations (20 1000-mer chains, 2000 100-mer chains) to
ensure that this result is consistent across the different conditions
examined herein. The minimum and maximum distribution values
are plotted to give a sense of the evolution of the extreme values of
the distributions. For instance, themaximum bond length would be
important for deformation processes such as bond breaking along
the polymer backbone. However, none of the metrics associated
with the bond length or bond angle distributions show a significant
change over the course of uniaxial deformation. This is, perhaps, as
expected since the energy contributions from these components
also did not show appreciable change as a function of strain. The
present simulations clearly show that bond length and bond angle
distributions change very little during deformation. The use of an
Fig. 14. (a) Bond length and (b) bond angle distributions as function of strain at 250 K.
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interatomic potential that does not allow dynamic bond formation
or scission seems to be valid since the bond length distribution is
not changing. However, it is unclear as to whether fixed bond
lengths and valence angles can be safely ignored during deforma-
tion simulations. For instance, the fact that the distribution does
not seem to be changing does not mean that individual bond
lengths and bond angles are not dynamically changing to allow
dihedral rotations from gauche to trans conformations to reduce the
energy of the system. Further studies could shed light on this area.

3.3.3. Chain dihedral conformation evolution
The change in the dihedral distribution from gauche to trans

conformationsas a functionof strain is also important todeformation
in polymer systems. Fig. 15 shows how the percent trans conforma-
tions evolves as a function of strain at 250 K. The percentage of trans
conformations in the simulation cellwas calculatedusinga threshold
of 120� (see Fig. 15). Additionally, this data is plotted for three
different strain rates and for two different chain lengths/chain
numbercombinations (201000-merchains,2000100-merchains) to
compare behavior between different conditions. First, the percent
trans conformations increases at a faster rate as the strain rate
decreases, i.e., a strain rate of 108 s�1 has the fastest increase in trans
conformations. This is as expected; the lower strain rate will allow
more time for chains to rotate to trans conformations. However, the
main difference between the three strain rates occurs in the elastic
and strain softening regimes (3true< 0.5), and the increase in percent
trans conformations during the strain hardening region is nearly
constant.Notice that the1010 s�1 strain rate showsvery little increase
in the percent trans conformations for the elastic region, in agree-
ment with both previous simulations Capaldi et al. [30] and experi-
mental NMR data [53]. The effect of the polymer chain length was
also examined and one representative curve is included in Fig.15 for
comparison. For a strain rate of 109, the 2000 100-mer chain PE
system shows very similar behavior to the 20 1000-mer chain
system, when excluding the initially higher percent trans confor-
mations in the former system.

3.3.4. Chain orientation evolution
The chain orientation as a function of strain is also an important

microstructure response of the polymer chain segments during
Fig. 15. Chain dihedral angle evolution as a function of strain for different strain rates,
chain lengths, and number of chains at 250 K.
deformation. The chain orientation parameter used here combines
two differentmethods presentedwithin the literature. First, the local
chain orientation at each atom iwas computed from the vector con-
necting nearest neighbor atoms [25]: ei ¼ ðriþ1 � ri�1Þ=jriþ1 � ri�1j.
Then, alignmentof the chain segments corresponding to eachatomin
the direction of applied stress was calculated using

P2x ¼ 3
2

�
cos2

�
ei$ex
jeijjexj

		
� 1
2

(4)

where ex is the vector in the direction of applied stress (or
orthogonal to the applied stress direction). In this manner, a value
of 1 signifies pure chain segment alignmentwith the corresponding
direction and a value of �0.5 signifies that the chain segment is
orthogonal to the corresponding direction.

Fig. 16(a) shows an example histogram of the distribution of the
chain orientation parameter for all chain segments with respect to
the loading axis direction. Fig. 16(b) shows how the average chain
Fig. 16. Chain orientation evolution as a function of strain for different chain lengths
and strain rates at 250 K. (a) The distribution of the chain orientation parameter in the
loading direction, and (b) the mean chain orientation parameter as a function of strain.



Fig. 17. Entanglement parameter evolution as a function of strain for different chain
lengths and strain rates at 250 K. (a) The distribution of angles for the flexion node
method and (b) the resulting entanglement parameter as a function of strain.
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orientationparameter, P2x, evolves as a function of strain at 250K. As
with prior subsections, the four curves contain three different strain
rates for the 20 1000-mer chain systems and an additional curve for
a 2000 100-mer chain system at a strain rate of 109 s�1. Not
surprisingly, on average, the chain segments tend to align with the
loading directionwith increasing strain. Additionally, the strain rate
has an effect on the observed alignment that increases at higher
strains. However, the strain rate does not directly correlate with the
magnitude of the chain alignment parameter, i.e., the values for the
lowest strain rate falls between the two higher strain rates. Other
factors or measured microstructure response variables may also
contribute to chain orientation. Last, the shorter chain length (100-
mer) systemhad a slightly lower alignment response than the larger
chain length (1000-mer) system at the same strain rate.

3.3.5. Chain entanglement evolution
The chain entanglement evolution is also important for defor-

mation of polymer systems. In general, fracture of many polymer
materials is expected to occur due to chain disentanglement rather
than chain scission, because of the strong carbonecarbon bonds in
the polymer backbone. Here, we have used the geometric tech-
nique of Yashiro et al. [49] to calculate the chain entanglement. This
technique first creates two vectors which emanate from each atom
to neighboring atoms that are separated by 10 atoms on the same
chain, i.e., one vector that connects atom i with atom (i � 10) and
one vector that connects atom i to atom (iþ 10). The angle between
these two vectors is calculated for each applicable atom and
a threshold parameter of 90� is used to specify if the atom is clas-
sified as entangled or not. The atoms classified as entangled via this
technique are considered to be constrained by neighboring chains.

Fig. 17(a) shows an example histogram of the distribution of the
angles calculated based on the Yashiro et al. [49] technique with
a separation distance of 10 atoms. The number of atoms classified
as entangled is then divided by the total number of applicable
atoms to give a normalized entanglement parameter that can be
used to compare the different systems. This entanglement param-
eter actually represents the percent of entangled atoms within the
system and can be appropriately scaled by a constant to obtain the
entanglement density. We refrain from using an entanglement
density here, since this measure is dependent on the separation
distance used for creating the two vectors and also the threshold
parameter. However, these parameters simply affect the scaling of
the y-axis and not the general trend. Fig. 17(b) shows the evolution
of the entanglement parameter as a function of strain for three
different strain rates and two chain lengths at 250 K. Notice that for
the initial stages of deformation, the entanglement parameter
remains somewhat constant with only a slight decrease. At higher
strains, indicative of the strain hardening region, the entanglement
parameter decreases in a linear fashion. As the strain rate is
decreased, the entanglement parameter decreases at a faster rate in
the strain hardening region. This is as expected; the lower strain
rate will allow more time for chains to disentangle as a way to
accommodate the deformation. A similar trend is observed for the
shorter chain length system as well, although the entanglement
parameter starts at a lower value. This is as expected as well; as the
chain length decreases, the tendency should be for the chains to
become more difficult to entangle. These results are in agreement
with previous work of Tomita [50] and Shepherd [51], which
assumes that the entanglement density decreases with an increase
of the strain level at constant strain rate and temperature.

4. Discussion

MD simulations were performed to investigate the deformation
mechanisms during uniaxial deformation of an amorphous PE-like
polymer glass using a united atom model. The MD technique used
here captures the structural behavior of an amorphous PE polymer
as well as the deformation behavior over a wide range of loading
conditions. The stress-strain behavior due to deformation shows
a typical transition from the linear and nonlinear elastic regions at
low strains, to yield, then to stress softening, and finally to strain
hardening. We also qualitatively reproduced the dependence of the
PE stress-strain behavior on strain rate, polymer chain length, and
temperature. Although several groups [28,29,32,47,52] have tried
to elucidate the thermomechanical behavior of amorphous PE
polymers during deformation, the exact mechanism of the amor-
phous PE deformation is still a point of debate. In the present study,
we attempt to shed light on the mechanisms of deformation in
glassy polymers by examining the evolution of internal energy and
chain conformations during mechanical deformation. This indi-
cates that the deformation process can be divided into dominant
mechanisms at several consecutive stages.

First, in the elastic region, the non-bonded interactions are
dominant at higher strain rates as displayed by the increase in the
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non-bonded energy. Since the non-bonded energy is described by
the Lennard-Jones formulation for the van der Waal’s forces, this
indicates that deformation results in a deviation in the spacing
between united atoms on adjoining chains. In the absence of
torsional rotations (dihedral angle), as the polymer chains accom-
modate the elastic deformation, there is a net increase in the free
volume which increases with increasing strain rate. At the lowest
strain rate, torsional rotations were dominant in the elastic regime,
which resulted in the highest rate of gauche-trans transformations,
no increase in free volume, and very little increase in the non-
bonded energy. However, qualitatively, the stress-strain behavior at
the lowest strain rate deviates most from that observed in experi-
ments, i.e., the characteristic yield peak is not as prominent as that at
higher strain rates. Interestingly, these observations suggest that the
characteristic yield peak is due, in part, to the dominant role of non-
bonded interactions between chains combined with a lack of
torsional rotation. Further, these mechanisms also explain the
results of a more pronounced yield peak with decreasing tempera-
ture. Lower temperatures have fewer thermally-supported rota-
tions, which resulted in increased non-bonded interactions and
a higher yield peak. In addition, a comparison of the simulations
with varying chain lengths solidifies the importance of non-bonded
and rotational energies. Shorter chain lengths resulted in a lower
entanglement parameter. With a lower entanglement parameter
chains could more easily rotate and align with the direction of
loading and thus had less pronounced yield peak. Noticeably absent
in almost all conditions investigated is the role of bond length and
bond angle duringelastic deformation,whichdonot playavital role.

As deformation progresses, the amount of mechanical work
converted into the non-bonded energy decreases. The non-bonded
interaction energy decreases as the chains accommodate defor-
mation through torsional processes, which straighten, unfold, and
align the chains in the direction of loading. These intra-chain
processes result in the transformation of gauche to trans confor-
mations (Fig. 15) and a corresponding decrease in the torsional
(dihedral) energy. The free volume evolution is fairly constant in
this regime, indicating that changes in the chain conformations and
alignment do not significantly impact the spacing between chains.
Instead, the results here suggest that for certain strain rates and
temperatures, a minimum amount of free volume is a requirement
for further deformation within the chains via torsion. The present
study shows that this deformation mechanism depends more
strongly on external conditions, like temperature and strain rate,
than the length of the chains or the number of chains.

The boundary conditions used in atomistic simulations of
deformation in material systems needs to be further investigated
for polymeric systems. For instance, in the present simulations, the
total energy decreases at large strains. However, the uniaxial stress
increases over the same strains, implying that additional work is
being done to the system (which should result in an increase in
internal energy). These responses seem to be contradictory.
However, since the thermostat for the NPT boundary conditions is
maintaining the temperature of the system through adjusting the
atom velocities, the additional work generated in the strain hard-
ening region is being dissipated at a rapid rate through the Nose-
Hoover thermostat. Currently, it is not known how removing the
thermostat or adjusting the rate of heat dissipation in atomistic
simulations will impact the energy distribution at higher strains.
Future work will explore how the rate of heat dissipation impacts
these considerations at the molecular scale.

5. Conclusions

Moleculardynamics (MD)simulationswereused to study themain
deformation mechanisms responsible during uniaxial tensile loading
of an amorphous polyethylene (PE)-like polymer. These simulations
were performed for different strain rates and temperatures under
uniaxial tensile loading to investigate the influence of these external
factors on mechanical properties of PE polymer. Results show that
many mechanical properties of PE can be simulated by MD in quali-
tative some times in quantitative agreement with experiments.

i) The simulated stress-strain behavior at the strain rate of
1010 s�1 (Fig. 3) shows the same trends as those observed in
experimental testing for amorphous polymers, i.e., an elastic
regime followed by a yield peak and subsequent softening
and strain hardening regimes. The characteristic yield peak
observed in polymers decreases with increasing temperature
(Fig. 5) and decreasing strain rate (Fig. 6). This difference
provided the contrast between conditions that was necessary
for exploring what mechanisms were responsible for the
characteristic yield peak in polymers. Over all the strain rate
and temperature have much stronger effect on the behavior
than chain length and number of chains, which show little
effect on the stress-strain behavior (Fig. 4).

ii) In the elastic and yield peak regimes, the energy evolution
plots show that interchain non-bonded (Van der Waal’s)
interactions played a significant role, as shown by the amount
of the total potential energy increase that is due to the non-
bonded energy (Figs. 7e10). This increase in energy is later
associated with an increase in the free volume (Fig. 11), which
is required prior to intra-chain torsional processes for some
conditions. The evolution of free volume also suggests that
Poisson’s ratio evolves within the elastic regime.

iii) In the strain softening and hardening regimes, the energy
evolution plots show that intra-chain torsion mechanisms
played a significant role (Figs. 7e10). This decrease in dihedral
energy is later associated with the transformation of gauche
conformations to lower energy trans conformations (Fig. 15).
Additionally, an entanglement parameter calculated from the
intra-chain geometry shows that the majority of disentan-
glement occurs in this regime (Fig. 17).

iv) The present simulations clearly show that the bond length
and bond angle distributions remain nearly constant over all
regimes for all conditions (Fig. 14). This is also supported by
the minimal change in energy associated with bond length
and bond angle compared to the non-bonding and dihedral
energy changes.

v) Chain alignment in the direction of loading increases with
increasing strain over all regimes (Fig. 16).

Future investigationwill focus in building a hierarchicalmultiscale
approachusing the informationobtained fromthemoleculardynamic
scale (e.g. evolution of free volume and entanglement density with
deformation, strain rate, temperature) to refine the continuum level
constitutive model (see Bouvard et al. [54] for more details).
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